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Local manipulation of metamagnetism by strain
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Among metamagnetic materials, FeRh alloys are technologically
appealing due to their uncommon antiferromagnetic-to-ferromagnetic
metamagnetic transition which occurs at a temperature T* just above
room temperature. Here, a controlled increase of T* (DT* B 20 8C) is
induced in pre-selected regions of FeRh films via mechanical strain
nanopatterning. Compressive stresses generated at the vicinity of pre-
defined nanoindentation imprints cause a local reduction of the FeRh
crystallographic unit cell parameter, which leads to an increase of T* in
these confined micro-/nanometric areas. This enhances the stability of
the antiferromagnetic phase in these localized regions. Remarkably,
generation of periodic arrays of nanopatterned features also allows
modifying the overall magnetic and electric transport properties across
large areas of the FeRh films. This approach is highly appealing for the
design of new memory architectures or other AFM-spintronic devices.
Introduction
Nanopatterning of magnetic structures is an ubiquitous approach
widely used in applications involving magnetic materials,1–4
particularly in storage media. Nanopatterning is also interesting
for the basic understanding of effects such as exchange bias,
current-induced magnetic switching and other spintronic
phenomena.5–8 From the broad range of methods to perform
nanopatterning, mechanical nanoimprinting, which uses local
stress applied by means of a tip, is a convenient technique
because, in spite of its simplicity, it allows generating structures
eventually smaller than those of standard optical methods
which cannot easily go below the light diffraction limit. Via
mechanical nanopatterning, properties such as crystallinity,9,10
nanoparticle arrangement,11 ferroelectricity,12,13 electric transport13
or metal-insulator transitions,14 amongst others, can be controlled
at the nanoscale. Remarkably, mechanical nanopatterning of non-
ferromagnetic alloys can also be used to obtain nanomagnetic
motifs (i.e., magnetic nanolithography).15–17
FeRh in its a phase shows an antiferromagnetic (AFM)-
to-ferromagnetic (FM) phase transition slightly above room
temperature.18 This particular functionality makes FeRh interesting
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Control of the transition temperature (T*) in metamagnetic materials, such as
the transition from antiferromagnetic to ferromagnetic states in FeRh, has
been so far realized by means of different approaches: voltage-driven piezo-
strain, application of strong magnetic fields (spin–flip or spin-flop transitions)
or chemical doping, amongst others. These methods typically affect the entire
FeRh films, causing global changes in their magnetic properties. Here, a
straightforward alternative concept, which allows for a large enhancement of
the stability of the AFM phase both locally and globally, is presented.
Nanoindentation patterning (i.e., localized generation of compressive
mechanical stress in pre-selected micro- and nanoscale actuated regions) is
shown to induce a significant shift of T* in these pre-defined areas of the FeRh
films. This method results in an array of confined regions which exhibit an
enhanced antiferromagnetic stability with respect to the adjacent non-stressed
film. By properly tuning the heating conditions (and not far from room
temperature) it is possible to obtain an array of antiferromagnetic dots
embedded in a ferromagnetic matrix. The concept can be extrapolated to
other materials displaying functional properties that are dependent on the
crystallographic unit cell volume. Therefore, this method constitutes an
interesting approach towards functional nanostructuration of physical
properties, eventually breaking the light diffraction limits, and allowing for
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for magnetic and spintronic applications, such as heat-assisted
recording,19–23 tunneling24 and AFM-based memory devices,25–27
magnetocalorics and barocalorics.28,29 This AFM–FM transition
has been widely studied as well from a fundamental point of
view.30–33 The temperature at which the AFM order disappears
(metamagnetic transition temperature, T*) can be tailored by the
application of external magnetic fields,34 changing composition/
doping,35,36 electrochemical processes,37 hydrostatic pressure38
or biaxial strain imposed by the substrate.39–46 The two latter
effects are related to the change of the FeRh unit cell across
the transition, being the unit cell parameter smaller in the low
temperature AFM phase than in the high temperature FM
phase.47 Thus, when the FeRh unit cell is reduced by external
stimuli, the AFM phase is stabilized and, consequently, T* increases.
In the present work, we use mechanical nanopatterning in
FeRh films to induce, locally, a shift of T* towards higher
temperatures. This is different from previous studies in which
strain is induced in the entire FeRh film, often through application
of voltage across an adjacent piezoelectric substrate.39–46 The local
increase of T* is evidenced using results from photo-emission
electron microscopy (PEEM). Finite element modelling reveals that
the T* increase is not solely induced by the imposed nanoindenta-
tion stresses but also mediated by the mechanical properties of the
substrate (MgO), which are transmitted to FeRh by epitaxial strain.
Finally, by using Kerr magnetometry and electric transport char-
acterization, we show that arrays of mechanically patterned struc-
tures can be used to selectively tune the average T* of large areas
within in the FeRh films.
Results
Sample structural and magnetic properties and mechanical
patterning
An epitaxial 55 nm FeRh film is grown on a MgO(001) substrate
by RF sputtering (see Materials and methods in ESI†). The
structural characterization (see Fig. S1 and S2, ESI†),48,49
reveals that the as-deposited film grows in the a phase and it
has a slight tetragonal distortion [a = 2.98(1) Å and c = 2.99(1) Å
lattice parameters] compared to its bulk value.47 The FeRh film
grows epitaxially on the MgO substrate with a [100]FeRh(001)//
[110]MgO(001) epitaxial relation. Namely, the FeRh pseudo-
cube grows with a 451 rotation with respect to the MgO cubic
structure, as sketched in Fig. 1(a).19
The as-grown FeRh film exhibits the conventional magnetic
properties of this alloy,22 where the temperature dependence of
the magnetization, M(T), displays an abrupt transition from near
zero magnetization at room temperature, in the AFM phase, to
about 1000 emu cm3 at high temperature, in the FM phase
(Fig. 1(b)). As expected, the system shows thermal hysteresis,22
where the transition temperature (T*) during heating is 90 1C,
whereas it is 80 1C upon cooling.
To locally adjust the magnetic properties of the FeRh films,
we apply nanoindentations using different loads (see Materials
and methods in ESI†). As it can be seen in Fig. 1(c), the
indentations produce triangular-shaped depressions on the
film and do not induce any important changes on the overall
sample morphology except for the typical pile-up effect near the
indentation imprint. The compression in the FeRh film produced
by the mechanical indentation is expected to stabilize the AFM
phase due to the smaller unit cell volume, resulting in a T* increase.
Local distribution of the AFM phase near the indented regions
In order to gain insight into the changes produced in the
magnetic properties of the material near the indented region,
we use X-ray Magnetic Circular Dichroism (XMCD) in combination
with PEEM50 (XMCD-PEEM, Fig. 2(a); see Materials and methods
in ESI†). In these experiments, black and white regions account for
FM domains and grey regions can account for either AFM
domains or domains with net magnetization perpendicular to
the incident light.
First, we focus on an indented region where the applied load
force is 300 mN. This force is strong enough to ensure that the
tip reached the MgO substrate (see Fig. S3, ESI†). Shown in
Fig. 2(b)–(d) are the XMCD-PEEM images collected while heating
at 75 1C, 95 1C, and 115 1C, respectively, where the dashed
triangle encloses the indentation region (i.e., a 6.5 mm triangle
for a 300 mN indentation). At low temperatures, in regions both
‘‘far’’ from (black square) and ‘‘near’’ (red square) the indenta-
tion, the magnetic contrast is negligible (grey contrast), indicat-
ing the absence of FM domains in both regions. The absence of
FM domains is in agreement with the predominant AFM state of
the sample at this temperature (Fig. 1(b)). Only starting at the
vertexes of the triangular indentation and along the [110], [110],
[110], [1110] FeRh-directions, needles of black/white domains,
which account for FM regions, are found at 75 1C (Fig. 2(b)),
schematically depicted in green in the inset of Fig. 2(b). This
indicates that near these particular directions there is unit cell
expansion, probably resulting from cracks in the film, favouring
locally the FM phase, which results in a very confined reduction
of T*. At intermediate temperatures (e.g., 95 1C, Fig. 2(c)), where
the AFM-to-FM transition starts, black/white domains corres-
ponding to FM regions are observed in areas far (black square)
from the indentation. Conversely, near the indentation (red
square) the contrast is virtually inexistent. These regions with
lower contrast indicate the predominance of the AFM phase.
Therefore, in these particular regions, the transition to the FM
state has not yet started at this temperature. The gradual
evolution of the magnetic contrast (domain pattern) with
increasing temperature is shown in Video S1, ESI.† Indentations
Fig. 1 (a) Sketch of the FeRh film grown onto MgO(001). The FeRh
pseudo-cubic structure grows at 451 rotated respect to the MgO one.
(b) Magnetization, M, versus temperature measured while increasing and
decreasing the temperature and applying 500 Oe after zero field cooling
the sample from above 200 1C. (c) Representative atomic force micro-
scopy scans of a FeRh region with an indentation imprint obtained
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with 5 mN, 10 mN and 20 mN display similar features, although
the AFM areas at high temperature are smaller (see Fig. S4,
ESI†). Importantly, in all cases, the grey regions have 4-fold
symmetry and they are mainly confined along the [100], [010],
[100] and [010] FeRh-directions, schematically depicted in
yellow in the inset of Fig. 2(c). At high temperature (Fig. 2(d)),
where the FM state should be predominant throughout the
sample, large black/white domains corresponding to FM regions
are found both far and near the indentation. Only very close to
the indentation the contrast remains grey. In this case, one can
infer that the grey region is a mixture of 4-fold with 3-fold
symmetries along the directions normal to the sides of the
triangular indentation, dictated by the indenter shape (dashed
yellow line). The 3-fold symmetry is schematically depicted in
yellow in the inset of Fig. 2(d).
The 4-fold shape of the grey region of Fig. 2(c) along the
[100], [010], [100] and [010] FeRh-directions is in agreement
with the maximum compression of the {110} planes reported
for MgO,51,52 as sketched in Fig. 2(e). Notably, according to the
FeRh mechanical parameters,53 the maximum deformation of a
stand-alone FeRh film is expected to be along the {110} FeRh
planes, as demonstrated by finite-element calculations (see
Fig. S5, ESI,† based on low-load indentation data54 of Fig. S6,
ESI†). This is in contrast with our results, which show that the
maximum deformation in FeRh is along the [100], [010], [100]
and [010]. This indicates that the mechanical properties of
the FeRh itself do not play a crucial role in the overall
behaviour; instead, it is the deformation of the MgO substrate
and its propagation to the FeRh film what governs the shift
in T*. Given the epitaxial growth of the FeRh layer on the MgO,
Fig. 2 (a) Schematic representation of the experimental set-up for XMCD-PEEM experiments. The black and white areas account for domains with net
magnetization along and opposite to the direction of the incident light, respectively. Grey regions correspond to either domains without net
magnetization (in our case AFM domains), or domains with net magnetization perpendicular to the incident light. CCW and CW correspond to
anticlockwise and clockwise X-ray light, respectively. (b)–(d) XMCD-PEEM magnetic domain images of the FeRh film region with a 300 mN indentation
measured at 75 1C, 95 1C and 105 1C, respectively. Insets show schematic representations of the image symmetry. (e) and (f) Sketch of the AFM regions
after indentation in the FeRh/MgO system, as deduced from the XMCD-PEEM characterization, at the indicated temperatures. (g) Magnetic contrast of
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the larger strain along the {110} MgO planes is transmitted to
the {100} planes of the FeRh, originating the observed 4-fold
symmetry (Fig. 2(e)). Nevertheless, the mechanical properties
of the FeRh and the film interaction with the Berkovich
indentation tip are relevant very close to the indentation as
evidenced by the 3-fold symmetry of the remaining ‘‘grey
domains’’ at high temperatures sketched in Fig. 2(f), in this
case in agreement with the finite element simulations of the
pure FeRh (Fig. S7, ESI†). In fact, very close to the indentation,
T* is even higher than 115 1C (note the remaining grey contrast
in Fig. 2(d)). Hence, the enhanced T* originates from a complex
interplay of the mechanical properties of the film and the
substrate. The AFM–FM transition in the non-indented regions
takes place isotropically (see Fig. S4 and S8, ESI†), thus ruling
out any contribution from the intrinsic crystalline directions in
the anisotropic AFM–FM transition of indented regions (Fig. 2).
The evolution of the magnetic contrast of the XMCD images
(SDXMCD; see Methods in ESI†) collected at several temperatures
(see Fig. S8, ESI,† for the whole set of images) is plotted as a
function of temperature in Fig. 2(g). The figure reveals that
the SDXMCD value, which is indicative of the magnetization,
increases at around T* = 90 1C for the region far from the
indentation (black line), in agreement with the M(T) of the
as-grown films (Fig. 1(b)). On the other hand, the SDXMCD for the
region near the indentation increases at a higher temperature,
T* = 110 1C (see Video S1, ESI†). Thus, the indentation-induced
residual strain produces a clear 20 1C increase of the transition
temperature.
Large-area effects for device functionalization
In order to understand the effects of indentation in larger areas
(50  50 mm2) of the film, arrays of indentations (Fig. 3(a)) are
studied by magneto-optic Kerr effect (MOKE) and electrical
resistance. The temperature dependence of the Kerr rotation
(proportional to M), yK(T), in the as-obtained film (black line in
Fig. 3(b)) shows a similar temperature dependence as the M(T)
measured by vibrating sample magnetometer (Fig. 1(b)),
although the transition obtained by MOKE is more abrupt,
probably due to the improved crystallinity of the sample surface
(MOKE probes mainly the film top surface; Efirst tens of nm in
depth) in this 50  50 mm2 region. As seen in Fig. 3(b), in the
array of indentations (blue line), the transition occurs at a
higher temperature and it is less abrupt. Note that the abruptness
of the transition is reduced in the arrays due to the strain
gradients surrounding each indentation imprint.
Since the AFM-to-FM phase transition in FeRh films is
accompanied by an important decrease (increase) of the electric
resistance upon heating (cooling),34 we next study the transport
properties of the indented FeRh (arrays with different maximum
indentation loads of 0 mN, 10 mN, 20 mN and 50 mN) using the
contact configuration shown in Fig. 3(c) (see Methods in ESI†).
Similar to the magnetic measurements, the transition can be
Fig. 3 (a) Atomic force microscopy image of a 50  50 mm2 region with 10  10 indentations obtained applying 10 mN. (b) MOKE signals normalized to
the values at 150 1C, measured at several temperatures, on regions of FeRh without (black squares) and with an array of 50 mN indentations (blue circles).
(c) Optical microscopy image including a 50  50 mm2 array of 10  10 indentations (10 mN) and the gold pads used to perform electric transport
measurements. I+/ and V+/ indicate the pads where the current is injected and the voltage drop measured, respectively. (d) Temperature dependence
of the resistance increment with respect to its value at 127 1C, DR, as function of temperature for a non-indented region and indented regions of 10, 20
and 50 mN. (e) T* evaluated from transport measurements in d at halfway through of the transition (approx. for DR = 2 O) for increasing and decreasing
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also clearly observed in the resistance dependence on tempera-
ture (Fig. 3(d)). Interestingly, the normalized resistance curves
(DR) at different indentation loads (Fig. 3(d)) reveal a progressive
increase of T*. This difference is more clearly seen in Fig. 3(e),
where the T* for the cooling and heating branches is plotted as a
function of the indentation load. Note that the increase of T*
with indentation load is only about 10 1C (for the 50 mN region),
whereas the XMCD-PEEM and MOKE characterization revealed
changes in T* of at least 20 1C. This can be understood by
the higher surface sensitivity of XMCD-PEEM and MOKE
with respect to transport measurements. This suggests that the
temperature shift is larger at the surface than in the bulk of the
film, coherent with previous findings of different behaviour of
the bulk and the surface of FeRh films.55 Thus, although the FM
domains are large (micron size, Fig. 2(d)), they are expected to be
inhomogeneous along the thickness, as shown by Gatel et al.55
for equivalent FeRh thin films. This inhomogeneity can be easily
solved by reducing the film thickness. Note also that the width of
the transition increases in the MOKE experiments, whereas in the
transport experiments it is roughly constant, with a slight
decrease. The higher surface sensitivity of MOKE experiments
results in their higher sensitivity to strain gradients produced
by indentation, which induce an increase in the width of the
transition, whereas the transition width variations in transport
experiments are not significant and probably masked by small
lateral inhomogeneity in the film composition.56
Conclusions
We demonstrate the possibility to locally modify the AFM-to-FM
transition temperature in FeRh films by means of nano-
indentation. We show that nanoindentation stresses induce
compressive strains (mediated by the underlying compression
of the MgO substrate), which cause a shift of T* by at least
20 1C. In addition, we show that the developed methodology
can be used to globally increase T*, across large areas, as
evidenced by Kerr magnetometry and transport measurements.
Interestingly, this approach can be potentially extrapolated to
other metamagnetic materials or, in general, to any system in
which a magnetic order phase transition is accompanied by a
structural transformation. The T* increase by nanoindentation is,
at first instance, an irreversible process, however, annealing or
other procedures could, at least partially, recover the initial state.
The presented results are relevant for memory devices based
on the lateral co-existence of contiguous antiferromagnetic-
ferromagnetic regions, or for devices based on AFM materials,
such as those where magnetic information must be locally
stored in an AFM phase.
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54 E. Coy, L. Yate, Z. Kabacińska, M. Jancelewicz, S. Jurga and
I. Iatsunskyi, Mater. Des., 2016, 111, 584–591.
55 C. Gatel, B. Warot-Fonrose, N. Biziere, L. Rodrı́guez,
D. Reyes, R. Cours, M. Castiella and M.-J. Casanove, Nat.
Commun., 2017, 8, 15703.
56 V. Saidl, M. Brajer, L. Horak, H. Reichlova, K. Vyborny,
M. Veis, T. Janda, F. Trojanek, M. Marysko, I. Fina, X. Marti,
T. Jungwirth and P. Nemec, New J. Phys., 2016, 18, 083017.
Materials Horizons Communication
O
pe
n 
A
cc
es
s 
A
rt
ic
le
. P
ub
lis
he
d 
on
 1
4 
M
ay
 2
02
0.
 D
ow
nl
oa
de
d 
on
 1
1/
4/
20
20
 3
:2
3:
56
 P
M
. 
 T
hi
s 
ar
tic
le
 is
 li
ce
ns
ed
 u
nd
er
 a
 C
re
at
iv
e 
C
om
m
on
s 
A
ttr
ib
ut
io
n-
N
on
C
om
m
er
ci
al
 3
.0
 U
np
or
te
d 
L
ic
en
ce
.
View Article Online
